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Abstract

Complex oxides are of intense interest due to their diverse properties, such as colossal magnetoresistance and superconductivity. Their
complexity arises not only from the number of constituent elements, but also from their tolerance of non-stoichiometry and the structural
complexity of these perovskite-based materials, e.g. the distortions and rotations of the oxygen octahedra surrounding the B-site cation.
For these reasons, misfit accommodation in these materials is far more complex than in simpler materials, and can involve several dif-
ferent mechanisms simultaneously. In some cases, interfaces can be free from any misfit dislocations, lattice mismatch being accommo-
dated via incorporation of oxygen vacancies, which take an ordered periodic arrangement. Interfaces may also present a perturbation to
the octahedral rotations that can dramatically affect properties, not just close to the interface but through the entire film. In oxygen ion
conducting materials, the oxygen sublattice may even melt in some situations.
� 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

The explosion of interest in the field of oxides, especially
the so-called complex oxides, is due to the wealth of new
phenomena they exhibit, such as colossal ionic conductivity
and magnetoresistance, and the emergence of new super-
conducting, magnetic and electronic properties [1–3]. Even
more exotic phenomena have been found at interfaces in
oxide heterostuctures. For example, the seemingly simple
interface between the two insulators LaAlO3 and SrTiO3

can be metallic [4], ferromagnetic or superconducting
[2,5]. Even more degrees of freedom exist in complex
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oxide heterostructures, where octahedral distortions and
associated changes in orbital occupation can take place,
e.g. the orbital reconstruction observed in superconduc-
ting/ferromagnetic cuprate/manganite heterostructures
[1,6].

Misfit accommodation can be similarly complex. Gener-
ally, stress in thin films is relaxed by dislocations, which
nucleate at free surface steps and glide to the interface.
Thus, kinetics of dislocation nucleation and propagation
play a critical role in thin film relaxation processes. Surface
steps play a critical role in dislocation nucleation, and lat-
tice frictional stress determines propagation [7,8]. Only
when a component of the film stress, known as the critical
resolved shear stress, acting on dislocations in the glide
plane, exceeds the yield stress/lattice frictional stress will
the dislocation propagate. The critical resolved stress is
given by rf cosucosk (Schmid factor), where rf is the pla-
nar stress, u is the angle between the stress direction and
the glide direction, and k is the angle between the stress
rights reserved.
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Fig. 1. Dark-field plan-view TEM image from a three unit cell YBa2Cu3-

O7�x (YBCO) film deposited on MgO taken with a YBCO {100}
reflection, which is forbidden in MgO, with microdiffraction patterns from
the bare substrate (top) and a portion of the YBCO film (bottom). The
dark regions in the image represent bare substrate, and the intensities from
the YBCO film are quantized, indicating single, double and triple unit cell
regions. Moiré fringes indicate that relaxation has occurred even in the
single unit cell regions of the film. The misfit is 9.3 and 7.6% along the a

and b directions of the YBCO, respectively. Reproduced from Ref. [34].
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direction and the glide plane normal. For certain film/sub-
strate orientations, the Schmid factors may be too small or
zero for available slip systems. This would prevent the gen-
eration of misfit dislocations. Under these conditions, films
having large misfits can grow without dislocations up to a
certain thickness without a fracture/crack. In complex oxi-
des there are many additional possible mechanisms. Dislo-
cation cores can be non-stoichiometric, and the entire
misfit may be accommodated by alternative means, for
example through the introduction of oxygen vacancies,
which can lead to lattice parameter changes [9]. In addi-
tion, mismatch can occur not only in the lattice parameter
but, in the case of perovskites, also in the octahedral tilt
network, again radically influencing the film properties. A
detailed atomic resolution characterization of the interface
atomic and electronic structure, ideally coupled to elec-
tronic structure calculations, is critical to understand and
control the structure–property relations in these materials.

Scanning transmission electron microscopy (STEM) is
ideally suited to a study of this nature as it is able to pro-
vide multiple signals simultaneously at atomic resolution
[10], specifically, the Z-contrast image (through a high- or
medium-angle annular detector [11–13]), a bright-field
(phase-contrast) image [14] and electron energy loss spec-
troscopic (EELS) images reflecting the elemental composi-
tion and electronic structure [15,16]. With the successful
correction of objective lens aberrations, the spatial resolu-
tion, precision and sensitivity of these measurements have
been dramatically improved, as described in a number of
recent reviews [17,18]. However, particularly in the case
of dislocation cores, it must be remembered that not all
contrast is Z-contrast [19–21]. The high strain fields of
the dislocation cores can disturb the crystal orientation,
either directly or through surface relaxations, leading to
image contrast. Depending on the detector angle, such con-
trast can be bright or dark; indeed, it is possible to deter-
mine the nature of the Burgers vectors from the
symmetry of the contrast [22–24]. Similar contrast effects
will be present in EELS signals, so that quantitative inter-
pretation of composition maps at dislocation cores is also
difficult. In addition, although it is generally assumed that
the fine structure shown by EELS can be interpreted in
terms of oxidation states – particularly useful for the tran-
sition metal L edges – the influence of diffraction/channel-
ing conditions on such signals has yet to be rigorously
established in the case of atomic resolution.

Here, we use these techniques to illustrate the rich vari-
ety of misfit accommodation processes utilized by oxide
thin films and heterostructures. We show an example of
domain matching epitaxy [25], with the formation of misfit
dislocations and additional strain relief through dislocation
core segregation. We then show examples of the formation
of metastable intermediate phases at interfaces, and of mis-
fit accommodation via vacancy arrays, which avoids the
formation of misfit dislocations entirely. We then show
how, in perovskite films, the additional order parameter
represented by the octahedral tilt network provides a new
mechanism for misfit accommodation that has a major
influence on interfacial properties. Finally, we show an
extreme example where the O ion sublattice actually
disorders, or melts, with a colossal increase in ionic
conductivity.

2. Dislocation core structures at a non-polar ZnO/Al2O3

interface

Non-polar ZnO and GaN films are of interest for light
emission applications since they avoid the strong piezoelec-
tric polarization fields which tend to separate electrons and
holes, thus reducing the internal quantum efficiency [26–
29]. This system is actually a classic example of so-called
domain matching epitaxy [25] in which a high mismatch
can be fully relaxed during film growth by matching differ-
ent integer numbers of planes in the two materials. Choos-
ing the r-plane of sapphire (ð1 �1 0 2Þ Al2O3) as a substrate,
ZnO grows epitaxially with its a-plane (ð1 1 �2 0Þ ZnO) par-
allel to the sapphire r-plane, with in-plane orientations of
½0 1 �1 0� ZnO // ½2 �1 �1 0� Al2O3 and [000 1] ZnO //
½�1 1 0 1� Al2O3 [30–32]. The lattice mismatch in these two
directions is quite different – 18.3% for the former direction
but only 1.5% for the latter direction – and, perhaps sur-
prisingly, it is the high mismatch that is relaxed completely
during the growth process. The explanation is that in the
high mismatch direction it is simple to nucleate dislocations
during film growth because the critical thickness is below
one monolayer. Such relaxation has been commonly
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observed in high temperature superconductor films, for
example [33–35] (see Fig. 1). However, in the present case,
the mismatch is much more highly anisotropic, and in the
low mismatch direction the critical thickness is much
higher, so relaxation must proceed via the nucleation of
dislocation loops at the surface of the growing film fol-
lowed by glide to the interface [36]. This process has a high
activation energy and typically results in incomplete strain
relaxation – as, indeed, in the present case [32].

In the high mismatch direction, however, the strain is
almost fully relaxed [25,32]. Cross-section Z-contrast
images taken with a VG Microscopes HB 603U scanning
transmission electron microscope equipped with a Nion
aberration corrector operating at 300 kV accelerating volt-
age are shown in Fig. 2. They reveal an array of misfit dis-
locations (arrowed) consistent with the 18.3% lattice
mismatch [37]. The higher magnification view in Fig. 2b
shows the bright hexagonal arrangement of the ZnO col-
umns aligned with the Al columns of the Al2O3. The O col-
umns in the Al2O3 are just visible, forming a sequence of
“cross”- and “ring”-shaped units along the interface plane.
There are hence two possible alignments with the ZnO lat-
tice, as indicated in Fig. 2c. Configuration A is expected to
have lower energy than configuration B as the bond lengths
and angles are closer to the bulk values; indeed, this is the
configuration observed in between the dislocation cores.
Fig. 2d shows how configuration B would arise halfway
between two of the preferred configurations, which is
where the dislocation cores are located, thereby avoiding
this higher energy configuration.

A further means to reduce the strain field surrounding
the dislocation core is observed in some cores but not all.
The dislocation on the far right-hand side of Fig. 2 shows
a bright region in the center of the core. Fig. 3 shows a
Fig. 2. (a) STEM-Z contrast image of the ð1 1 �2 0Þ ZnO/ð1 �1 0 2Þ Al2O3 inte
indicated by arrows, are characterized by an extended strained region (seen as d
Z-contrast image of the interface between two misfit dislocation cores showing t
the two possible interfacial bonding configurations. Configuration (A), where th
energetically more favorable than configuration (B), where the ZnO “hexag
distortion required. (d) Schematic diagram of the interface drawn in proportio
preferred bonding configuration (ZnO “hexagon edge”–Al2O3 “cross” or ZnO “

locations of the dislocation line, i.e. two extra Al2O3 planes. Dashed arrows po
where the dislocation cores locate. Reproduced from Ref. [37].
higher magnification comparison of two cores with and
without the bright columns, along with schematic struc-
tures showing the reduced strain surrounding the core con-
taining the bright columns. EELS indicates that the
columns contain Zn. This would appear surprising, since
Zn has a larger ionic radius than Al and segregates to the
compressive side of the dislocation core, which would seem
to increase the strain. However, the modified core structure
with the Zn seems to be more compact, i.e. the strained/dis-
torted ZnO region is confined to a smaller region with
respect to that in dislocations with the unmodified core
structure, suggesting that the modification leads to a cer-
tain degree of strain relief in ZnO. We speculate that this
is attributable to the lower valence of Zn (2+, with respect
to the 3+ of Al). A lower valence means that fewer oxygen
ions are required for bonding and, as a result, the Zn-mod-
ified core reduces the strain. O deficiency has been observed
previously in dislocation cores in oxides [38,39].

3. Formation of interfacial transition layers in VO2/Al2O3

heterostructures

Interfacial transition phases that are not stable or even
do not exist in bulk have been observed in a variety of sys-
tems, including c-Fe2O3 on MgO (001) [40], a Co2O3

corundum phase on a-Al2O3 (0001) [41] and hexagonal
DyMnO3 on ZrO2(Y2O3) (111) [42]. We show here two
examples from epitaxial VO2 thin films grown on an
Al2O3 substrate, in the first case directly and in the second
case with an intermediate NiO layer. Because of its near-
room-temperature (68 �C) semiconductor–metal transition,
VO2 is of major interest for sensing and switching applica-
tions in microelectronics [43]. Because of its monoclinic
structure, matching to a suitable substrate can be difficult;
rface along the ZnO[0001]/Al2O3 ½�1 1 0 1� zone axis. Misfit dislocations,
ark in the image) on the ZnO side of the interface. (b) Higher magnification
he preferred interfacial bonding configuration. (c) Schematic illustration of
e ZnO “hexagon edge” is bonded with an Al2O3 “cross”, is expected to be

on edge” is bonded with the Al2O3 “ring”, owing to the reduced bond
n to the bulk lattice constants of the two materials, with both ends in the
gap”–Al2O3 “ring”, indicated by “P”). Pairs of arrows point to the possible
int to the location where broken ZnO bonds would be required, which is



Fig. 3. Atomic resolution Z-contrast image of the most frequently observed misfit dislocation core structure (a), along with its deduced model (c). The
Burgers vector of the dislocation is determined to be 1/3h2 �1 �1 0i Al2O3. Atomic resolution Z-contrast image of a modified misfit dislocation core structure
involving replacing Al atoms in the core region by Zn (b) and its deduced model (d). The tensile strain in the core region is reduced compared with that in
the unmodified core, as deduced from the reduced extent of strain contrast (columns with reduced intensity) seen in the image. An EELS spectrum
acquired on the bright columns, where Zn replaces Al at the Al2O3 side of the dislocation core, is shown in black, and one acquired outside the core region
is shown in red (e). Though noisy, a Zn L edge is clearly present on the former. Reproduced from Ref. [37]. (For interpretation of the references to colour
in this figure legend, the reader is referred to the web version of this article.)
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however, V can take a large variety of oxidation states, and
consequently oxides exist in many different stoichiometries,
all based on octahedral coordination. Some of these phases
show significant structural similarity to common sub-
strates, as shown in Fig. 4. It is observed that in many cases
VO2 initially takes on the crystal structure of the substrate
Fig. 4. Octahedra in various V oxides, NiO and Al2O3, with O shown as red s
the reader is referred to the web version of this article.)
to avoid such mismatch, either preserving the stoichiome-
try of VO2 or accommodating cation vacancies to better
match the substrate crystal structure.

An example for the case of epitaxial VO2 films grown on
c-cut sapphire substrates, (0001) Al2O3, is shown in Fig. 5,
viewed along the Al2O3 ½2 �1 �1 0� zone axis [44]. In this direc-
pheres. (For interpretation of the references to colour in this figure legend,



Fig. 5. (a) An ADF image of the interface along the Al2O3 ½2 �1 �1 0� zone
axis. (b) A series of EEL spectra acquired along the direction perpendic-
ular to the interface, labeled in order from “0” to “11”, with “0” acquired
at the “V2O3”-like interface region and “11” acquired inside the film. The
green line in (c) roughly marks the region where the series of spectra was
acquired. EELS from VO2 (top) and V2O3 (bottom) are also included in
(b) for comparison. Grey and dark arrows in (b) indicate the V4+ and V3+

signatures, respectively. Reproduced from Ref. [44]. (For interpretation of
the references to colour in this figure legend, the reader is referred to the
web version of this article.)
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tion the Al columns form closely spaced pairs (dumbbells)
that are aligned at an angle to the interface. The vanadium
oxide shows bright Z-contrast due to the presence of the V;
however, a few monolayers near the interface clearly con-
tinue the structure of the Al2O3, suggesting that it might
actually be V2O3, with the heavier V atoms in the Al atom
positions. In an attempt to confirm this, EELS data were
acquired across the interface, as shown in Fig. 5b, with ref-
erence spectra from VO2 and V2O3 for comparison. It is
immediately clear that the V L2,3 ratio does not change
appreciably across the interfacial transition phase, neither
is the expected chemical shift observed, indicating that,
despite the V2O3 structure, a V4+ oxidation state is main-
tained as in VO2. However, the distortion into a V2O3

structure manifests itself through the appearance of a num-
ber of features on the O K edge that are present in stoichi-
ometric V2O3. This structure and the V4+ charge state can
be explained by the creation of cation vacancies in this
layer.

A much wider interfacial transition zone is seen at the
VO2/NiO interface, a heterostructure grown on c-cut sin-
gle-crystal Al2O3 (0001). Based on the previous discussion,
we might anticipate VO to form, given that VO and NiO
both have the rocksalt structure (see Fig. 4); furthermore,
the transition zone might be wider, since the mismatch is
only �2% between stoichiometric VO and NiO compared
with �4% between V2O3 and Al2O3. Fig. 6a shows a
high-resolution Z-contrast image of the VO2/NiO interface
viewed down an Al2O3 ½0 1 �1 0� crystal direction. The
bright columns on the left side of the image are V columns,
with the configuration expected when viewed down the
VO2 [100] direction. The even brighter columns on the
right side of the image are Ni columns, with the configura-
tion expected when viewed from the NiO [110] direction.
The O columns are barely visible next to the bright V
and Ni columns in this image. This is in agreement with
the orientation relationship determined by X-ray diffrac-
tion, i.e. VO2 (020) // NiO (111) // Al2O3 (00 01), with
in-plane VO2 [100] // NiO [110] // Al2O3 ½0 1 �1 0� [45]. In
the center of the image an interfacial transition zone is
clearly seen, where the atomic configuration seems to
resemble that of NiO, but with a reduced intensity.

Fig. 6b shows EELS spectra taken from the numbered
regions in the image. This time the fine structure of V in
the transition zone (2 and 3) shows both a change in L2,3

ratio and a chemical shift with respect to the VO2 film, indi-
cating a reduced stoichiometry (see the reference spectra in
the inset). The O K edge structure also shows changes con-
sistent with a reduced V oxidation state [46]. Thus the
interfacial phase appears to be a vanadium oxide near
the VO2 with the structure of NiO but a reduced valence,
which is presumably stabilized by V vacancies. The inten-
sity of the columns increases towards the substrate, indicat-
ing mixed V/NiO. This is another example where the
structure and valence states are affected by the presence
of defects.

4. Formation of interfacial transition layers in perovskite-

based heterostructures via octahedral rotations

With the successful correction of microscope lens aber-
rations, not only has the resolution improved, allowing
the imaging of oxygen columns in perovskites [47,48], but
also the precision with which atomic columns can be
located has dramatically improved. It is now possible to
locate even the light columns to picometer level precision,
allowing the direct measurement of octahedral rotations
from real space images [14,49,50]. Even when the film is
almost lattice matched to the underlying layer, if the
octahedral tilt system differs in the two materials, one will
influence the other. An example is the case of an ultrathin
film of BiFeO3 (BFO) on La0.7Sr0.3MnO3 (LSMO), as
shown in Fig. 7. The Z-contrast image allows the c-axis lat-
tice parameter to be determined with high accuracy, reveal-
ing an expanded c lattice parameter in the last four unit
cells of the BFO. The reason for this expansion is revealed
by analyzing the oxygen atom positions seen in the bright-
field image, to determine the rotations of the oxygen octa-
hedra. Since the LSMO has negligible octahedral rotations,
the epitaxial BFO is constrained to match the tilts of the



Fig. 7. Lattice parameters and octahedral tilts from combined (a) Z-contrast STEM and (b) simultaneously acquired bright-field STEM images of a
SrTiO3/5 nm La0.7Sr0.3MnO3/3.2 nm BiFeO3 (BFO) ultrathin film. (c) Profile of c lattice parameter across the interface calculated from (a). (d) Profile of
FeOx octahedral tilt angles in BFO calculated from (a) and (b). Note that lattice parameter enhancement at the interface in (c) coincides with a region of
suppressed octahedral tilts in (d). Adapted from Ref. [14].

Fig. 6. (a) Z-contrast image of the NiO/VOx/VO2 heterostructure showing how the VOx transition zone continues the structure of NiO. (b) EEL spectra
from regions 1–4 compared to reference spectra (inset). The VOx region shows the fine structure of V2O3 and a chemical shift with respect to the VO2 edge.
The O K edge is also similar to that of V2O3. The right-hand side shows the Ni L2,3 edge from regions 2 and 3.
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LSMO near the interface. This enforced tilt suppression
leads to altered electronic properties, the signature of which
can be seen in low-loss EELS [14].

The competing symmetry due to differing octahedral tilt
systems leads to an interfacial layer with distortion modes
that do not exist in either bulk material, and therefore cre-
ates new interface properties driven by symmetry alone.
Depending on the resistance of the octahedra to deforma-
tion, the interface layer can be as small as one unit cell
or can extend deep into the thin film [51–53].
5. Relaxation via ordered vacancy arrays

Many O ion-conducting perovskites can accommodate
high concentrations of vacancies, which tend to order,
thereby minimizing elastic stresses. The prototypical struc-
ture of this type is Brownmillerite, in which 1/6 of the O
has been removed. It forms ordered vacancy chains in
every other B site plane, i.e. alternating BO2 and BO
planes, with an overall stoichiometry of ABO2.5. In fact,
a wide range of vacancy concentrations can be accommo-



Fig. 9. Z-contrast image of a two unit cell layer of YSZ between STO
layers (yellow arrow), with a superimposed structure model of the cation
lattice. The interface termination was determined from EELS. Adapted
from Ref. [59]. The white arrow indicates the growth direction. (For
interpretation of the references to colour in this figure legend, the reader is
referred to the web version of this article.)
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dated, and it is well established that the lattice parameter
changes linearly with the vacancy concentration [9]. Conse-
quently, it should not be too surprising that in these mate-
rials misfit strain can be efficiently relaxed through the
incorporation of vacancies, hence avoiding the need for
misfit dislocations. The resulting vacancy superstructure
is readily visualized in a Z-contrast image because the
vacancy-containing planes expand, leading to reduced
image intensity [54–56]. The ordered vacancy arrays tend
to form a domain structure, as shown in Fig. 8 for the case
of a La0.5Sr0.5CoO3-d (LSCO) thin film [57].

Nanopockets in these films with especially high O defi-
ciency were found to exhibit a superlattice not only in O
concentration but also of Co atom spin, evident from the
fact that the Co L2,3 ratio was unchanged from dark to
bright stripes but the O K edge fine structure did change,
consistent with a change in spin state [58].

6. Oxygen sublattice melting in strained Y2O3-stabilized

ZrO2

An even more dramatic response of the O sublattice to
strain is found in the case of strained Y2O3-stabilized
ZrO2 (YSZ). With SrTiO3 (STO) as the substrate, thin
YSZ/STO multilayers were found to exhibit colossal O
ion conductivity, with enhancements of up to eight orders
of magnitude near room temperature [59]. Given the 7%
lattice mismatch, it is at first sight surprising that no mis-
match dislocations are found at the interfaces (see Fig. 9).

The reason again lies in the response of the O sublattice,
which essentially melts under the combined influence of the
lattice mismatch strain and the incompatibility of the O
sublattices between the fluorite structure of YSZ and the
perovskite structure of STO, which makes it impossible
to maintain continuity of the O sublattice across the inter-
face. Computer simulations show that, under the influence
of lattice strain alone, the O sublattice forms a zigzagged
phase at 1000 K and becomes increasingly disordered at
higher temperatures, as shown in Fig. 10. With the super-
Fig. 8. Z-contrast images of a LSCO thin film: (a) low magnification, showing
vertical dark stripes marking the vacancy containing Co planes. Images recor
lattice, however, the O sublattice was disordered even
down to room temperature [60].

Recently, the O sublattice was imaged directly by EELS
imaging at the O K edge, and although the O sublattice was
clearly resolved in the STO, in the YSZ layer it was seen to
indeed be completely disordered [61].

7. Summary

Misfit accommodation in oxides is significantly more
diverse than in the more usual semiconductor materials
due to the propensity of oxides to tolerate a large number
of cation and/or anion vacancies, and because of the subtle
structural variations that influence the local orbital hybrid-
ization and hence the electronic and magnetic properties.
The ability to understand and control these diverse misfit
accommodation mechanisms is the key to understanding
vertical and horizontal striped domains; (b) higher magnification, showing
ded on a Nion UltraSTEM100 at 100 kV.



Fig. 10. (Left) Quantum mechanical simulated annealing at various temperatures. The 7% expansive strain is in the direction of the plane of the page. The
zigzag ordering of the strained O sublattice shown at 1000 K persists down to 0 K, but begins to break down at higher temperatures. At 2000 K and above
the O positions appear random, in contrast to the unstrained material, in which most O atoms simply oscillate about the cubic-fluorite positions. (Right)
Structure of a 1 nm YSZ layer sandwiched between STO layers. O atoms are shown as small red spheres, Zr atoms in green, Sr in yellow, Ti in blue and Y
in gray. Adapted from Ref. [60]. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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and utilizing the intriguing interfacial phenomena in
oxides.
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