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Abstract

First-principles calculations, high-resolution transmission electron microscopy (HRTEM) investigations and geometrical phase anal-
ysis of lattice strain based on HRTEM images have been carried out on C15 Cr2Nb Laves phase. Asymmetrical nanoscale regions with
severe lattice distortion were observed in the vicinity of Shockley partial dislocation cores. These disturbed regions are the result of syn-
chroshear inside the Nb–Cr–Nb triple layers. Reactions of dislocations with twin boundaries (TBs) also result in severe lattice distortion.
The resulting local lattice distortion and perturbed strain field deleteriously impact dislocation-governed plasticity. First-principles cal-
culations show that cleavage occurs preferentially between the single Cr layer and the Nb–Cr–Nb triple layer in these materials. TBs,
which are on single Cr layers, nucleate and propagate cracks readily in Cr2Nb, as evidenced by the lattice dilatation along a TB inter-
acting with one 60� dislocation. The present study shows atomic level evidence on how crystal defects and their interactions influence the
mechanical properties, especially the poor toughness at low temperatures, of C15 Cr2Nb. This provides new insights into the origin of
low temperature brittleness of Laves compounds with complex structures.
� 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Laves phase intermetallics are potential high-
temperature structural materials because of their high
melting temperatures, fairly low mass densities, reasonable
oxidation resistance and strong intrinsic resistance to creep
deformation [1–3]. Face-centered cubic (fcc) C15 Laves
phases are expected to show better plastic deformability
than the other two Laves phases of hexagonal C14 and
C36, since more slip systems are available in fcc structures.
The Cl5 Laves phases are thus of particular interest and
have been subjected to extensive experimental and theoret-
ical studies [3–14]. Stoichiometric Cr2Nb is a C15 Laves
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compound that is stable at ambient temperature [6,14].
However, even the fcc Laves phases, including the C15
Cr2Nb, are not yet widely exploited structural materials
in industrial technology, due to their pronounced brittle-
ness at low temperatures [3,7]. This obstacle has evoked
an upsurge of research interest in the deformation proper-
ties of the Laves phases, in order to overcome their poor
damage tolerance [3].

Most Laves phases are brittle up to high homologous
temperatures [15,16]. The C15 Cr2Nb has a large Poisson’s
ratio of �0.34, suggesting non-directional atomic bonding
[11], in contrast to other intermetallics (like NiAl [17]) with
a covalent component to the bonding which influences dis-
location mobility and thus results in the poor ductility.
Therefore, the poor ductility of the C15 Cr2Nb is expected
to be more closely related to crystal defects in these
materials, since the atomic bonding is non-directional
[11]. Dislocations are expected to move with substantial
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http://dx.doi.org/10.1016/j.actamat.2012.01.030
mailto:yangzq34@yahoo.com
http://dx.doi.org/10.1016/j.actamat.2012.01.030


Fig. 1. (a) Unit cell of the C15 Cr2Nb and (b) ½�1 1 0� projection showing
stacking of the single Cr layers and triple Nb–Cr–Nb layers. P1 and P2

indicate two possible cleavage positions.
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difficulty in these compounds with a complex crystal struc-
ture. This property is responsible for the materials’ excel-
lent high-temperature strength and creep resistance, but
may also be responsible for their low temperature brittle-
ness. In C15 Cr2Nb samples deformed at high tempera-
tures, dislocations, twins and stacking faults (SFs) have
been characterized by transmission electron microscopy
(TEM) [3,5,7,18], showing the occurrence of numerous
interactions and reactions between perfect dislocations,
Shockley partials and twin boundaries (TBs). Cracking
may initiate at intersections of dislocation bands, like in
MgO [19]. Fracture may occur in some materials where
the TB is weak and propagates a crack readily, like natural
corundum [20] and Mg alloys [21]. However, it is still less
understood how the various crystal defects interact with
each other, and how their interactions and/or reactions
influence the mechanical performance of the C15 Cr2Nb
compound, which are key requirements for understanding
the origin of the low temperature brittleness.

In the present study, high-resolution TEM (HRTEM)
observations were carried out to investigate the atomic
scale structures of crystal defects and related nanoscale
structural evolutions. Geometric phase analysis (GPA)
was applied to quantify the lattice distortion induced by
crystal defects and their interactions in the C15 Cr2Nb.
Asymmetrical strain fields around partial dislocations and
large lattice dilatation along TBs interacting with disloca-
tions were observed and quantified. First-principles
calculations were also performed in order to obtain some
in-depth understanding of the experimental observations.
These atomic scale findings suggest that crystal defects
and their interactions have intimate relation with the poor
damage tolerance of C15 Cr2Nb.

2. Experiments and calculations

2.1. Material and microstructural characterization

Cr2Nb ingots were prepared by vacuum arc-melting
from high-purity Cr and Nb. The ingots were slowly cooled
in air to room temperature. Samples for TEM observations
were prepared by Ar ion milling after mechanical polishing.
The TEM, HRTEM and high-resolution scanning-trans-
mission electron microscopy (HRSTEM) observations were
performed on a Tecnai F30 microscope. The HRTEM
images were recorded using a 2k � 2k CCD camera along
the zone axis of ½�1 1 0�. The C15 Cr2Nb belongs to the space
group Fd�3m, with niobium and chromium at 2a and 4d sites
of (0, 0,0) and (5/8, 5/8,5/8), respectively. Fig. 1 shows a
unit cell and the ½�1 1 0� projection of the C15 Cr2Nb. The
(111) plane stacking in the C15 structure consists of single
layers A, B and C, composed of pure Cr atoms, and triple
layers acb, bac and cba, composed of a layer (a, b or c) of
small Cr atoms sandwiched between two layers of large
Nb atoms (a, b or c). Fig. 2a is a TEM image with a selected
area electron diffraction (SAED) pattern, revealing
microtwins in the C15 Cr2Nb. Fig. 2b is an HRSTEM
image for a TB region, demonstrating that the boundary sits
on the pure Cr (111) single plane, as indicated by the ½�1 1 0�
atomic projection overlapped on the image. The atomic lat-
tice on the left side of the TB is not as clear and sharp as that
on the right side, which is due to a slight deviation from the
½�1 1 0� zone axis caused by either local sample bending in the
thin region of the TEM sample, or lattice distortion induced
by other crystal defects.

2.2. Quantitative HRTEM

To enable interpretation of experimental HRTEM
images, image simulations were performed using the multi-
slice algorithm as implemented by the software package
EMS [22]. The method of GPA, developed by Hÿtch
et al. [23], is a powerful tool for measuring strains quanti-
tatively as revealed in HRTEM micrographs. It has been
shown that strain measurements obtained by this method
agree well with theoretical calculations based on linear
anisotropic elastic theory to an accuracy of about 0.2%



Fig. 2. (a) TEM image with an SAED pattern showing microtwins in the
C15 Cr2Nb and (b) HRSTEM annular dark-field image showing the
atomic structure of a TB.

Fig. 3. ½�1 1 0� projection of cleavage models corresponding to fracture
along (a) P1 and (b) P2, marked in Fig. 1b.

Table 1
Calculated cleavage energy Gc and critical stress rc.

Cleavage location Gc (J m�2) rc (GPa)

P1 6.65 40.78 ± 0.40
P2 7.20 44.37 ± 0.44
Ideal TB 6.56 38.66 ± 0.38
Dilated TB 5.96 33.41 ± 0.33
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at a spatial resolution of �2 nm [24]. Image distortions
might also be introduced by the aberrations of the imaging
system of the microscope and/or the camera used to
acquire the images [25]. Regions free of dislocations, twins
and SFs were used to evaluate the above systemic error, so
that any artifacts would not be mistaken for distortions
that arise from the defects.

2.3. First-principles calculations

Calculations were carried out using the CASTEP code
[26]. For the exchange and correlation energy, the general-
ized gradient approximation was considered using the PBE
functional [27]. For the sampling of the Brillouin zone, the
calculations of total energy and the electronic structures
used a 6 � 6 � 6 k-point grid, and the cleavage energy used
a 4 � 4 � 1 grid. We used a plane-wave cutoff energy
of 360 eV. The total energies were converged up to
0.6 � 10�6 eV. The calculated lattice parameter of the bulk
C15 Cr2Nb is 6.94 Å, which agrees well with the experi-
mental value of 6.99 Å.

3. Results

3.1. Cleavage fracture from first-principles

Intrinsic cleavage fracture will take place when the
applied mechanical energy exceeds the ideal cleavage
energy, which is defined as the energy necessary to separate
the crystal into two semi-infinite parts. We calculated the
case of ideal brittle cleavage in which no relaxation was
considered in the atomic positions after cleaving. Calcula-
tions without the structural relaxation after cleavage may
overestimate the cleavage energy, but it will not influence
the qualitative comparison between different lattice planes
in the same crystal. The critical stress is calculated accord-
ing to the universal binding energy relation [28], in order to
evaluate the bonding strength.

Cleavage fracture occurs preferentially along {111}
planes in C15 Cr2Nb [10]. There are two possible cleavage
planes as indicated by P1 and P2, as shown in Fig. 1b. Fig. 3
shows the ½�1 1 0� atomic projection of the two models cor-
responding to cleavage along planes P1 and P2, respec-
tively. The thickness of the vacuum layer is set at 10 Å,
which is much larger than the critical length [28] of
�0.6 Å, so that the interaction between the two surfaces
could be neglected. The calculated ideal cleavage energy
and critical stress are summarized in Table 1. The calcu-
lated ideal cleavage energy (Gc = 6.65 J m�2) and critical
stress (rc = 40.78 GPa) for cleavage fracture along plane
P1 are smaller than the corresponding values for cleavage
along P2 (Gc = 7.20 J m�2 and rc = 44.37 GPa, respec-
tively). Therefore, fracture would prefer to take place along
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plane P1 between a single layer of pure Cr and a triple
layer, rather than along plane P2 inside the Nb–Cr–Nb tri-
ple layer.

3.2. Quantitative HRTEM

3.2.1. Crystal defects and strain mapping

Fig. 4a is an HRTEM image of a region containing
some planar defects that intersect. Image simulations indi-
cate that the bright spots in the HRTEM image correspond
to Cr columns at the intersections between (111) and
ð1 1 �1Þ single layers composed of pure Cr atoms. The
(111) and ð1 1 �1Þ planar defects were respectively SFs
and TBs, as indicated by lines. Fourier transform treat-
ments of the HRTEM image were performed, as shown
in Fig. 4b and c. By selecting the pair of reflection vectors
of g11�1 and �g11�1, an inverse Fourier transform was per-
formed to show the non-screw dislocations, as shown in
Fig. 4c. In the inverse Fourier transform, the SFs indicated
in Fig. 4a were in the form of jogs in the ð1 1 �1Þ planes
within the regions marked by rectangles 1 and 2, respec-
tively. One non-screw dislocation is associated with the
SF marked by rectangle 1 and the other is below rectangle
2, as indicated by arrows.
Fig. 4. (a) ½�1 1 0� HRTEM image showing SFs and TBs on (111) and ð1 1 �1Þ
image. The white arrows point to weaker reflections from microtwins. (c) Inver
non-screw dislocations, as indicated by arrows.
A Thompson’s tetrahedron, a schematic top view of the
Nb–Cr–Nb triple layer and the [�110] projection of the
atomic model of an SF are given in Fig. 5, in order to describe
the dislocation dissociations and synchroshear motion of
Shockley partials. Shear in Laves phase is accompanied by
chemical rearrangement inside the triple layer. Slip and twin-
ning are believed to occur inside the triple layers, rather than
between the triple layer and the single Cr layer, via synchro-
shear [29–32]. Synchroshear consists of two shears in differ-
ent directions on adjacent atomic planes. One Shockley
dislocation glides between the lower atom level (b) and the
center (a) with one Burgers vector and the other glides
between the center (a) and the upper level (c) with a different
Burgers vector. The three permitted glide directions for the
upper level Nb atoms (c) are Ad, Bd and Cd, respectively.
If the lower Nb atoms (b) are fixed, and at the same time
the upper Nb atoms (c) move in the direction of Cd (for
example, atom c1 moves to the position above atom a0,
Fig. 5b [30]), atom a0 will have to move in a direction of either
dA or dB. The net result of the above synchronized motion is
that the triple layer stacking is changed from bac to bca to
form an SF, as shown in Fig. 5c.

Fig. 6 shows enlarged HRTEM images for the two
rectangle regions with SFs in Fig. 4. The construction of
planes, as indicated by black lines. (b) Fourier transform of the HRTEM
se Fourier transform using vectors g11�1 and �g11�1, showing the presence of



Fig. 5. (a) Thompson’s tetrahedron, (b) a schematic plan view of the Nb–
Cr–Nb triple layer and (c) ½�1 1 0� projection of an SF.

Fig. 6. Enlarged HRTEM images for regions marked by (a) rectangle 1
and (b) rectangle 2 in Fig. 4c, respectively. The white arrow indicates the
closure failure of the Burgers circuit. The white circles indicate the core
region of Shockley partials. The two black parallelograms in (a) show the
structural transition from a 92� parallelogram to a 70.5� diamond along
the TB.
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a Burgers circuit surrounding the SF in region “1” (Fig. 4c)
shows closure failure, as indicated by the white arrow in
Fig. 6a. The corresponding Burgers vector is determined
to be CA ð1=2½1 0 �1�Þ or CB ð1=2½0 1 �1Þ, which indicates
that this SF originates from the dissociation of a perfect
60� dislocation into two Shockley partials having 30� and
90� characters respectively (CA = Cd (90�) + dA (30�) or
CB = Cd + dB (30�)). The dislocation marked by a solid
circle at the right border of the SF in Fig. 6a is a 90� edge
partial. This defect is the feature identified by the black
arrow in the inverse Fourier transform in Fig. 4c. In
Fig. 6a the 30� partial has arrived at and interacted with
the left TB, but the 90� pure edge partial stayed about
5 nm in front of the right TB. The dislocation–TB reaction
results in severe lattice distortion, as evidenced by the com-
plex contrast with some extra bright spots and changes in
shape and intensity of the bright spots in the vicinity of
the intersection. The lower right region of the 90� pure edge
partial (solid circles) is severely distorted, as indicated by
the dashed ellipses. The misfit of the ð1 1 �1Þ planes below
and above the slip plane decreases gradually from left to
right within the region indicated by the double-head arrow,
and vanishes at a position of 4 ð1 1 �1Þ planes in front of the
TB. The observed asymmetrical lattice distortion is not
consistent with the theoretical strain field of the disloca-
tions [33], implying that other structural and/or chemical
modifications have occurred nearby the dislocation. It is
proposed that the lattice distortion is due to occurrence
of chemical disordering in the slip plane or even in the adja-
cent lattice planes. This will be further studied by first-prin-
ciples calculations, as shown later in Fig. 10. In addition,
the two black parallelograms in Fig. 6a show the structural
transition along the TB, which will be discussed in Section
3.2.2.

Fig. 6b is an enlarged HRTEM images for region 2 in
Fig. 4, showing no closure failure of the Burgers circuit,
which demonstrates that this SF was a result of the disso-
ciation of a perfect screw dislocation into two 30� Shockley
partials (AB = Ad + dB). The poor quality and abnormal
contrast in the left part of the HRTEM image is mainly
due to severe lattice distortion resulting from a high density
lattice defects. The 30� Shockley partial (indicated by a
solid circle) at the right side of the SF is about 5 nm away
from the microtwin tip. The region indicated by the dashed
ellipse is severely distorted, which is similar to the 90� par-
tial shown in Fig. 6a. The lattice distortion in the region
below the bottom right corner of the Burgers circuit is
induced by the array of Shockley partials at the microtwin
tip. The observed lattice distortion associated with the 90�
partial and the 30� partial marked by solid circles in Fig. 6
will be further investigated by the combination of GPA and
first-principles calculations.

Fig. 7 is an enlarged HRTEM image of the dislocation
indicated by the white arrow in Fig. 4c. The dislocation
indicated by the symbol “\” is just adjacent to the TB.
The construction of a Burgers circuit surrounding the dis-
location shows closure failure, as shown by the white
arrow. The projected magnitude of the Burgers vector is
equal to the distance between two neighboring Cr columns
in the HRTEM image, indicating the presence of a 60�
perfect dislocation in a (111) plane in the twin band. The



Fig. 7. HRTEM image showing a 60� perfect dislocation arrived at a TB.

Fig. 8. Calculated exx for a simple edge dislocation: (a) three-dimensional
view; (b) two-dimensional contour. Symbol “\” and the dotted plane
show the core position and the extra half plane of the edge dislocation,
respectively. The magnitude of strain is qualitatively proportional to the
line width in (b).
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lattice strain of this 60� perfect dislocation will be investi-
gated by the GPA technique and image simulations.

The strain fields revealed in the HRTEM images for
non-screw dislocations show only the contribution from
the edge component, when imaged along the dislocation
line. Therefore, exx of the theoretical strain fields for an
edge dislocation is calculated and shown in Fig. 8, in order
to compare with the measured strain based on
experimental HRTEM images using the GPA method.
The exx has mirror symmetry about the extra half atomic
plane.

Before the GPA strain analysis, Wiener filtering was per-
formed on the HRTEM images to improve the image qual-
ity [34]. In principle, both the in-plane strain tensor (eij) and
rigid-body rotation (xij) can be obtained by the GPA tech-
nique. Here we will focus on the lattice strain perpendicular
to the ð1 1 �1Þ TB plane, since TBs are planar obstacles to
incident dislocations. Fig. 9a is a GPA strain map obtained
by using the reflection vector g11�1 in Fig. 4b. Positions of
the three dislocations emphasized in Figs. 6 and 7 are indi-
cated by their characteristic parameters (90�, 30� and 60�)
aside the corresponding centers of strong local strain fluc-
tuation in the strain map. An abrupt change in color is
present in regions with dislocations, showing a change in
sign of strain across the dislocation core, which is consis-
tent with theory [33]. However, the strain field of the 90�
partial dislocation is remarkably distorted, deviating signif-
icantly from the theoretical exx for an edge dislocation
(Fig. 8). The GPA strain mapping results are qualitatively
consistent with the asymmetrical lattice distortion around
the dislocation core as directly observed from the HRTEM
image in Fig. 6. Additionally, it is surprising to see an
extremely long tail (>10 nm) in the region under tensile
strain below the 60� dislocation, which deviates far from
theory (Fig. 8). Moreover, the compressive part of the
strain field of the 60� perfect dislocation was repulsed away
from the TB. The abnormal lattice strains of the 60� dislo-
cation will be modeled and explained in Section 3.2.2 and
the discussion section. Due to the extremely high density
of defects, the lattice distortion in the left part of the
HRTEM image is too high to be evaluated by the GPA
method and therefore will not be discussed.

Fig. 9b and c shows the strain profile along the arrows in
the two rectangles “1” and “2” parallel and perpendicular
to the TB plane, respectively. The averaged strain values
change immediately from negative (compressive) to posi-
tive (tensile) across the 60� dislocation core (Fig. 9b). The
tensile strain drops sharply within a distance of about
1 nm, levels off at about 2.5% within a range of 10 nm,
starting from a position 2 nm away from the dislocation
core, then decreases gradually to zero. In Fig. 9c the peak
centered at �5 nm has a full width at half maximum of less
than 1 nm, which indicates that the lattice dilatation is con-
fined within a quite narrow slice, with a width of about
twice the ð1 1 �1Þ spacing. Statistical analysis indicates that
the matrix regions free of dislocations on both sides of rect-
angle “1” have average strains of �0.04 ± 0.28%, indicat-
ing a noise level of about 0.28% in the strain map. The
measured values of local strains are more than six times
the standard deviation, as shown in Fig. 9b and c, and thus
the measured local strains are true rather than noise. The
influence of contrast delocalization has to be considered
for the microtwin regions, in order to verify the contribu-
tion of real microstructural features to the prolonged tail.
The contrast delocalization on the lattice images of this



Fig. 9. (a) GPA strain distribution using reflection g11�1. (b and c) Profiles of strain distribution averaged over the width of rectangles 1 and 2 in (a),
respectively. The strain distribution in rectangle 3 is shown as an inset in (c), in order to compare it with that in rectangle 2. The positions of TBs are
indicated by “\” and arrows in (c). Note that, among the four TBs, real lattice dilatation was detected only within a segment of the one just adjacent to the
60� perfect dislocation. (d) Three-dimensional view of local strain morphology with the same scale as (a); the inset shows the strain distribution along the
arrow.
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TB and other neighboring defects (TBs and SFs) should be
at the same level. The inset in Fig. 9c illustrates strain dis-
tribution in region “3” with several TBs but no dislocation,
showing strain values in a range from �0.8% to 0.2%. Also,
no obvious lattice dilation is detected along the other three
TBs indicated by arrows on the right side of this TB, as
shown in Fig. 9c. Therefore, the prolonged tail of strain
is determined to be the result of real lattice dilatation and
not an experimental artifact due to contrast delocalization
in the HRTEM image. The variation of local lattice param-
eters along the TB will be described in some detail in the
next section.

A three-dimensional view of the strain distribution in a
10 nm � 20 nm region is shown in Fig. 9d. This view of the
contour surface of the strain map makes it easier to see the
interactions between the dissociated partial dislocations
(30� and 90�) and their neighboring lattice defects (twin-
ning partials and TB), as demonstrated by the overlap of
their strain fields (e.g. the inset showing the interaction
between the 90� partial dislocation and the TB).

According to the synchroshear model, the partial dislo-
cation core has an extra column of Cr atoms [30,32], which
must affect the local strain field of the core. As shown in
Fig. 5b, if atom c1 (Nb) represents the moving front of
the partial dislocation and its movement (Cd) will push
atom a0 (Cr) to move in the direction dA, a local extra
Cr atom will appear below or around atom c2 (Nb). In
principle, an efficient way to evaluate the effect of the extra
Cr atom on the local lattice geometry is first-principles
optimization. However, such calculations are not practical
at this time, since a proper model will need many hundreds
of atoms for this complex material, which is beyond the
capability of our computing resources. Fig. 10 shows a
small model structure that illustrates the general effect of
a Cr interstitial on the local lattice in a semi-quantitative
way. The Cr interstitial below the Nb atom is not stable,
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and tends to move away from the triple Nb–Cr–Nb layer
toward the pure Cr plane, as indicated by the arrow in
Fig. 10b. This is likely due to the facts that (i) the kagome
single layer is composed of smaller Cr atoms and (ii) the
spacing between the single Cr layer and the triple Nb–
Cr–Nb layer is three times that of the interplanar spacing
within the triple layer. The deviation of the Cr atom from
its original slip plane based on first-principles calculations
is consistent with the observed asymmetrical form of lattice
distortion near the cores of partial dislocations, as shown
in Fig. 6. The observed asymmetrical lattice distortion
nearby the partial dislocation cores (Fig. 6) is thus related
to the occurrence of short-range redistribution of the excess
Cr atoms in front of the dislocations, as compared with the
symmetrical strain field (Fig. 8) for a simple dislocation
core [33]. The interactions between neighboring disloca-
tions or TB should also play some role in the observed dis-
torted strain fields of the 30� and 90� partial dislocations.
Not only are large displacements of neighboring atoms
seen, but also a significant change in unit cell parameters
is observed (a = 7.356 Å, b = 7.104 Å, c = 7.352 Å;
a = 89.73�, b = 86.48�, c = 89.81�). Larger lattice
Fig. 10. Effect of Cr interstitial (yellow): (a) before and (b) after geometry
optimization. The dashed circle indicates the original position of the Cr
interstitial. (For interpretation of the references to colour in this figure
legend, the reader is referred to the web version of this article.)
distortions can be reasonably expected if the lattice strain
of a partial dislocation is also taken into account.

3.2.2. Atomistic model and image simulation for lattice

dilatation along TB

Fig. 11 shows enlarged HRTEM images for the micro-
twin regions “2” and “3” with and without the lattice dila-
tation shown in Fig. 4, respectively. Within the prolonged
lattice dilatation region along the TB, a characteristic
quadrilateral connecting four Cr columns in the TB plane
and the neighboring pure Cr ð1 1 �1Þ plane is seen in
Fig. 11a to be a 92� parallelogram rather than the standard
70.5� diamond for fcc structures. Direct measurements on
the HRTEM image also demonstrate that the dilatation
occurs between the TB and the adjacent Cr ð1 1 �1Þ on its
right side (Fig. 11a). Distances between adjacent intensity
features outside of this region are not changed from those
seen in the bulk structure. Therefore, it is concluded that a
single monoclinic layer appears between the TB and its
right neighboring ð1 1 �1Þ Cr plane in Fig. 11a. No such
deviation was observed in region “3” without lattice dilata-
tion perpendicular to the TB (Fig. 9b).
Fig. 11. (a) Enlarged HRTEM image showing that lattice distortion
occurred within a region close to the 60� perfect dislocation at the TB in
Fig. 7. (b) HRTEM image showing the structure of a normal TB.
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Image simulations of the TB region were performed in
order to understand the origin of the observed lattice dis-
tortions. Based on HRTEM observations (Fig. 11a) and
the prediction of cleavage between a pure Cr layer and
the adjacent Nb–Cr–Nb triple layer according to first-prin-
ciples calculations, atomic models were built up for the TB
region by introducing a single monoclinic layer (aM =
aC15 = 0.699 nm, cM = 0.430 nm and b = 92�). In order to
eliminate the boundary effect in image simulation, the
width on both sides of the TB is 10 times the unit cell of
the C15 Cr2Nb in the atomic models (1134 atoms in total,
i.e. 756 Cr atoms and 378 Nb atoms). Fig. 12a shows the
constructed model with an expansion of 0.3 Å (from
1.5 Å to 1.8 Å) between the pure Cr TB plane and the
neighboring Nb layer, without considering any local relax-
ation, which corresponds to the cleavage model P1 in
Fig. 3. The spherical aberration coefficient of the objective
lens is 1.2 mm for the microscope used. Fig. 12b is the sim-
ulated image for a sample thickness of 4.0 nm at a defocus
value of 79 nm, which matches well with the experimental
HRTEM image, as indicated by the corresponding 92� par-
allelogram. Both first-principles geometry optimization
Fig. 12. (a) Atomic model for the observed lattice dilatation along a TB;
(b) a simulated HRTEM image. The black arrows indicate the TB
position, and the dotted lines show the (111) and (111)T planes.
and image simulations on a perfect TB model do not show
obvious lattice distortion. Therefore, the observed large
lattice dilatation along the TB is attributed to the interac-
tion of the incident 60� dislocation with the TB. The lattice
dilatation terminates close to the (11 1) plane with the SF
bounding a 90� Shockley dislocation (Figs. 6 and 7). The
strain field of the 90� Shockley dislocation overlaps with
the tip of lattice dilatation along the TB (Fig. 9d), demon-
strating repulsion between the dislocation and the TB.
Therefore, the termination of lattice dilatation along the
TB is attributed to the interaction between the 90� Shock-
ley dislocation and the TB.

4. Discussion

The crystal defects observed in the present C15 Cr2Nb
samples were probably formed at relatively high tempera-
tures during the solidification and/or cooling process dri-
ven by thermal stress [35]. Nanometer-scale regions of
severe lattice distortion are often observed in the vicinity
of dissociated Shockley partials and TB–SF intersections.
In the distorted regions, not only are the bright features
not in their ideal positions, but their shape and intensity
are also significantly different. We find long-range pertur-
bation of dislocation strain fields consistent with chemical
disordering. Weertman [36] proposed a theory of viscous
motion of dislocations in ordered intermetallics to explain
their good creep resistance, assuming that dislocation
motion may result in local damage of structural and/or
chemical ordering. The dislocation motion takes place
inside the Nb–Cr–Nb triple layer in the form of synchro-
shear [29–32], which introduces excess Cr atoms in front
of the moving dislocation core. These Cr atoms need to dif-
fuse with the moving dislocation core. The dislocation
mobility and mean free path must be reasonably high
above the ductile–brittle transition temperature (DBTT)
[37], when the chemical disorder can be repaired via ther-
mally driven diffusion of the excess Cr atoms. The nanome-
ter scale distorted regions associated with Shockley partials
in the C15 Cr2Nb were retained due to the loss of diffusivity
at a certain temperature below the DBTT, and at the same
time the partial dislocations could no longer move,
although the thermal stress was still present. At low tem-
peratures, dislocation motion, even as little as one Burgers
vector of the Shockley partial, will result in short-range lat-
tice distortions and/or chemical disordering. As shown in
Fig. 10, these effects are due to the extra column of Cr that
can no longer diffuse with the moving dislocation core.
Chemical disordering can weaken local bonding strength
[38]. Therefore, the extended perturbed strain field resulting
from chemical disordering surrounding the dislocation core
(Fig. 6) could eventually under sufficient stress initiate
cracking.

Twins are widely present in C15 Cr2Nb due to its mod-
erate SF energy [5,8,11,18]. Importantly, a large lattice
dilatation (�0.3 Å, Figs. 9 and 11) along the TB is seen
to be introduced by the presence of a single incident 60�
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dislocation. This is important because the TBs in the C15
Cr2Nb are single Cr layers, as seen in Fig. 2, and because
first-principles calculations show fracture cleavage occurs
preferentially between the Cr single layer and the Nb–Cr–
Nb triple layer, as seen in Fig. 3. Also, first-principles cal-
culations indicate that the TB in the C15 Cr2Nb
(Gc = 6.56 J m�2, rc = 38.66 GPa) is slightly weaker than
that in the bulk (Gc = 6.65 J m�2, rc = 40.78 GPa). Impor-
tantly, when there is a lattice dilatation of 0.3 Å along the
TB, the cleavage energy and critical stress are further
decreased, to Gc = 5.96 J m�2 and rc = 33.41 GPa, respec-
tively (Table 1). Therefore, the long and relatively wide lat-
tice dilatation along the TB produced by only one incident
dislocation can be reasonably expected to be a weak link in
the material. The dilated region associated with the TB/dis-
location interaction is expected to become wider and longer
as additional dislocations pile-up at the boundary. There-
fore the TBs may serve as nucleation sites for cracks. These
dilated TBs should also readily propagate cracks in the C15
Cr2Nb, similar to what is seen in corundum [20] and Mg
alloys [21].

5. Conclusions

� HRTEM observations and GPA strain analyses
show that there are asymmetrical nanoscale dis-
torted regions in the vicinity of Shockley partial dis-
locations. First-principles calculations indicate that
the disturbed strain fields should be related to the
presence of excess Cr atoms associated with the syn-
chroshear inside the Nb–Cr–Nb triple layers. This
chemical and structural inhomogeneity would be
expected to significantly impede the motion of dislo-
cations, and thus the ductility of C15 Cr2Nb.

� First-principles calculations of ideal cleavage energy
show that cleavage fracture occurs preferentially
between a pure Cr layer and the adjacent Nb–Cr–
Nb triple layer, rather than inside the triple layer.

� HRTEM observations demonstrate that an incident
60� dislocation can result in a large lattice dilatation
along the TB, suggesting that TBs in C15 Cr2Nb
may nucleate and propagate cracks readily, which
contributes to its poor toughness.
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